In this work we study, using experiments and theoretical modeling, the mechanical and optical properties of tensile strained Ge microstructures directly fabricated in a state-of-the art complementary metal-oxide-semiconductor fabrication line, using fully qualified materials and methods. We show that these microstructures can be used as active lasing materials in mm-long Fabry-Perot cavities, taking advantage of strain-enhanced direct band gap recombination. The results of our study can be realistically applied to the fabrication of a prototype platform for monolithic integration of near infrared laser sources for silicon photonics. 
Introduction
The realization of a Si-integrated light source represents today the "Holy Grail" of silicon photonics. Among different proposed approaches, a laser based on Ge/Si heterostructures is now considered very promising [1] . Indeed, Ge exhibits superior optoelectronic properties with respect to Si and it is now a complementary metal oxide semiconductor (CMOS) foundry-compatible material produced by means of fully qualified fabrication processes.
The recent demonstration of optically [2] and electrically [3] pumped Ge-based laser fabricated on a Si substrate has been welcomed in the scientific community as a leap toward the achievement of a monolithically integrated silicon-based photonic platform. In order to engineer the optical properties of the Ge active material, the authors exploited a combination of moderate biaxial tensile strain (ε~2 × 10 −3 ) and heavy n-type doping (n dop >4 × 10 19 cm −3 ). Germanium is a quasi-direct band gap semiconductor, featuring a Γ c -L c valley energy separation of only ~135 meV [4] [5] [6] . In tensile strained Ge layers, this energy difference is reduced owing to the different deformation potentials of the conduction band minima, with an indirect-to-direct band gap crossover predicted to occur at ε~2 × 10 −2 [4] [5] [6] . A further reduction of the energy barrier, also exploited in [2, 3] , is brought about by the filling of the L c valley by doping electrons. As a result, the transfer of electrons from the low-lying L c valley to the Γ c valley is facilitated, with a consequent increase of the direct bandgap recombination, leading in turn to optical gain [6] . Unfortunately, the device demonstrated by Camacho-Aguilera et al. suffered of extremely high lasing threshold current density [3] , which limited its operating lifetime to few minutes. In order to address this major issue, two different routes can be considered: ultra-high doping density and/or increased tensile strain [7] .
Increasing the doping density can be convenient since it induces a super-linear increase of the carrier density present in the conduction band Γ c valley and, consequently leads to an increased radiative recombination rate. Though, this advantage is counterbalanced by the enhanced free carrier absorption and non-radiative recombination rate, which could actually hinder the lasing at all [8] . Moreover, the achievement of a heavy n-type doping has proven to be difficult in Ge, owing to low solubility, fast diffusion, and limited activation of the dopants [9, 10] .
Consequently, band engineering through application of higher tensile strain appears to be more promising since it has in principle no drawbacks in terms of extra optical losses. However, the tensile strain values directly achievable by exploiting the difference between the coefficients of thermal expansion in Ge and Si during the Ge/Si growth, as in the approach pursued in [2, 3] , is limited to a mere ε therm <2.5 × 10 −3 [11] . In order to go beyond this value, different strategies based on heteroepitaxy or micromachining have been recently proposed and relatively high values uniaxial and biaxial strain obtained (up to ε~0.015, see [12] for a review). Nevertheless, the proposed methods rely either on non CMOS-qualified materials (such as Ge on III-V substrates [13] [14] [15] or Ge on GeSn alloys [16, 17] ), or on fabrication schemes leading to microstructures having shape and/or sizes which prevents their embedding in Fabry-Perot laser cavities [18] [19] [20] [21] . Consequently these methods appear, although very interesting from a fundamental point of view, difficult to integrate into the CMOS silicon environment, at least on the short-medium term.
In this work we demonstrate a CMOS based fabrication approach to obtain Ge microstripes on Si wafer with equivalent biaxial tensile strain values up to ε ~9 × 10 −3 . The tensile strain field is induced by the elastic relaxation, occurring after the lithographic definition of the microstructure, of a compressively strained SiN layer deposited on top of a Ge/Si heterostructure. Our structures have a spatially homogeneous strain distribution which can be in principle extended over any arbitrary length. The achieved tensile strain leads to an enhancement of the photoluminescence intensity of more than an order of magnitude, with respect to the thermally strained Ge. The shape of the fabricated microstructures has been chosen in view of their possible use as active lasing material in linear Fabry-Perot cavities. Our numerical results indicate that in 1 mm-long microstripes robust modal gain can be achieved at relatively low excess carrier density.
Experimental and theoretical methods
The microstructures here studied were fabricated out of a SiN/Ge/SOI(001) stack in a 130-nm Bi-CMOS fabrication line using standard qualified processes. After a proper cleaning of 200-mm SOI wafers (top silicon thickness = 80 nm, buried oxide (BOX) thickness = 2 μm), the epitaxial growth of a 450 nm-thick Ge layer was carried out in a single wafer reduced pressure-chemical vapor deposition (RP-CVD) system, using H 2 -diluted GeH 4 in a twotemperature deposition process. In order to improve Ge crystal quality, cyclic annealing at 800 °C was performed by interrupting the Ge deposition [22] . A threading dislocation density of ~1 × 10 6 cm −2 was evaluated using the etch pit count technique. Subsequently, a 450-nm thick SiN stressor was deposited on top of the Ge layer by plasma-enhanced CVD using a SiH 4 -NH 3 -N 2 mixture. The SiN layer deposition parameters were selected to maximize the residual compressive stress σ SiN in the stressor layer. A value of σ iN = −2.5 GPa was obtained. To avoid chucking issues during the fabrication process, induced by the stress driven wafer bowing, a SiN compensating stressor was deposited on the wafer backside.
The strain relaxation of the microstructures was modeled using COMSOL Multiphysics 4.2, a 3D finite element (FEM) tool. The Ge and Si layers in the stack were defined anisotropic, with a residual strain of ε therm = 2.5 × 10 −3 as initial condition for Ge, in order to account for the presence of the thermal strain. The SiN stressor layer and the buried oxide (BOX) were defined as isotropic. Fixed boundary was set for the BOX, allowing the rest of the structure to deform freely. The experimental value for σ SiN (−2.5 GPa) was used as initial condition for the SiN stressor layer.
Micro-Raman measurements were performed in order to evaluate the elastic strain in the micro-structures. We have used an InVia Renishaw spectrometer working in backscattering geometry with a laser focal spot of ~0.8 µm in diameter and a 100 × objective lens with a numerical aperture of 0.85. Three laser wavelengths were used: 633 nm, 514 nm, and 488 nm. The laser power was low enough to prevent heating, as proved by monitoring the peak position of the Raman Ge-Ge mode over long acquisition time. Each microstructure was characterized by measurements along the mid line of its the longitudinal axis. To get a reference signal, measurements were extended also in the unpatterned stack region. The Raman shift of the Ge-Ge mode ω Ge-Ge in the micro-structures was measured with respect to the Ge-Ge phonon mode energy ω The room temperature emission of the microstructures was measured by means of a micro-photoluminescence (µ-PL) set-up, using a cw-HeNe laser at 633 nm pump, focused on the sample with a × 50 objective having a numerical aperture of 0.8. The emission was dispersed by an iHR 550 Horiba Jobin-Yvon spectrometer and measured with a liquid nitrogen cooled extended InGaAs detector array. The incident power density impinging on the microstructure was estimated to be ~2 × 10 4 W cm −2 . Since all the investigated structures belong to a single wafer, all the measurements have been performed exactly in the same alignment conditions, leading to a meaningful comparison of measured spectral intensity.
The optical properties of the strained Ge material were calculated using the model developed in [6] by Virgilio et al. to evaluate radiative recombination rates and material absorption/gain coefficients in biaxially strained intrinsic and n-type Ge layers. To this aim, both direct and indirect radiative transitions have been considered, together with the different contributions to the optical spectra originating from heavy holes (HH), light holes (LH), and split-off valence bands. Similarly to what previously reported in the literature, the strain induced split of the HH and LH levels at the Γ v point, and more generally the effects of the strain field on the different band edges, have been taken into account [2, 19] . Furthermore, the effect of the lattice distortion on the band curvatures, which in turns influence the excess carrier energy distribution, and on the dipole matrix element, which is a key parameter for a sound estimation of the gain spectra, was fully considered in our numerical simulations. It is worth notice that an erroneous underestimation of these latter effects may lead to overestimate the radiative recombination rates [6] .
Finally, the modal gain has been addressed by calculating the gain dependence as a function of strain and wavelength and by numerical evaluation of the overlap of this gain profile with the optical mode and of Fabry-Perot cavity losses.
Results
In Fig. 1(a) we present a Scanning Electron Microscopy (SEM) image of the wafer surface showing microstructures of the two types here investigated. The "I" structures were obtained removing, down to the BOX surface, the material from the region surrounding the defined microstripe, having width w (y axis) and length l (x axis). In this configuration the stripe is only connected to the surrounding at its bottom. Type "H" structures were instead obtained leaving the microstripe attached to the surrounding unpatterned region at the two ends of its longitudinal axis x. Data related to H-and I-type structures will be labeled throughout this article in blue and red, respectively.
In Fig. 1(b) a SEM image of a section along the (y,z) plane of a typical microstripe carved by focused ion beam (FIB) has been displayed. The Ge and SiN thickness were selected accordingly to electromagnetic simulations in order to provide a good TE and TM confined mode with strong overlap with the Ge layer over the entire range of width investigated. In order to study the impact of geometry on strain and optical properties, the width w was varied in the [1 ÷ 10] µm range and the length l in the [10 ÷ 150] µm range, for both I and H structures. Structures aligned both along [100] and [110] crystallographic orientations were fabricated in order to verify the impact of uniaxial strain applied along different directions [14] . As an example, in Fig. 1(c) we present the model geometry used to simulate an "H" structure in FEM calculations together with the chosen orientation of the reference system. The unpatterned Ge layer featured, after the completion of the entire SiN/Ge/SOI stack, an average biaxial tensile strain ε therm = 2.5 × 10 −3 , as measured by XRD and µ-Raman spectroscopy, originated during the deposition process by the different thermal expansion coefficients of Ge and Si [11] . When patterned, the SiN stressor "pulls" sideways the underlying Ge film generating a strain distribution within the layered microstripe. In Fig. 2(a) we plot the distribution of the equivalent biaxial strain ε bi , as obtained by a projection on the (x = 10 µm, y, z) plane of data from a full FEM calculations performed on a w = 2 µm wide, l = 20 µm long H-type structure. We can see that the elastic relaxation of the compressive stress induces a tensile strain field in the SiN stressor layer which, in turn, causes a strain distribution in the underlying Ge/SOI region. We notice that the tensile strain is maximized at the SiN/Ge interface and increases from the sidewalls toward the longitudinal central axis. The strain distribution shown, although quantitatively dependent on the type and size of the micro-stripes, qualitatively captures a general trend as observed in all the investigated structures. It is remarkable that this distribution is highly beneficial to maximize the net optical gain in light emitting photonic devices. As a matter of fact, where the tensile strain values are higher, the Ge band gap is narrower [4] [5] [6] . As a consequence electron and holes are "funneled" by the strain-originated built-in effective electrical field towards the top Ge surface region, close to the SiN/Ge interface exactly where the spontaneous radiative recombination rate is higher [6] . At the same time excess carriers are driven away from the bottom Ge/Si interface where the heteroepitaxial misfit dislocations are located. As a consequence the non-radiative recombination of electron-hole pairs caused by these extended defects can be decreased. Moreover, the SiN stressor layer acts also as effective surface passivation layer [24] , resulting in a reduced surface recombination velocity of carriers, and thus reduced non-radiative losses. More insight in the strain distribution can be gained from Fig. 2(b) where we plot the diagonal components of the strain tensor, calculated at the SiN/Ge interface and along the xaxis of two w = 2 µm and l = 20 µm H-and I-type structures, together with the resulting equivalent biaxial strain value ε bi . For both structure types, the strain is mostly uniaxial with the ε yy values much larger than those corresponding to the other components. This can be attributed to the elongated microstructure geometry. In fact, while every transverse portion of the stripe is free to expand laterally in the y-direction, the strain relaxation along the x-axis is hindered by the presence of the neighboring segments of the stripe. This effect is particularly evident comparing the ε xx profiles at the boundary of I-and H-type structures along the longitudinal axis. While in the former case the two end facets are free to expand outwards in x (ε xx increases close to x = 0 and x = 20 µm in Fig. 2 (b) the opposite holds in the latter case, owing to the compressive action generated by the surrounding unpatterned material which "pushes" along x against the microstripe. The two different relaxation behaviors are observable also in the ε bi strain profile, which shows at the ends an increasing value of the tensile strain only for I-type microstripes. Remarkably, for relatively long structures (l>40 µm) the equivalent biaxial strain distribution is homogenous along the x-axis. This can be seen in Fig. 2 (c) where we plot ε bi calculated at the SiN/Ge interface (y = 0, continuous line) along the x-axis for a w = 2 µm, l = 90 µm H-type microstructure. We notice that distributions for ε bi are found to be homogeneous along x at each height z, and with decreasing values from the top to the bottom of the Ge layer, as evident in Fig. 2(a) . As an example the ε bi field, calculated at the mid height of the Ge region (y = 0, z = 225 nm; dashed line) is reported in Fig. 2(c) . For comparison, we show in Fig. 2(c) also the experimental strain values, measured by µ-Raman with an excitation laser wavelength of 488 nm (circle), 514 nm (triangle), or 633 nm (square). In highly absorbing material such as Ge, the Raman signal comes from a narrow volume defined by the light penetration depth Λ, the spot size, and the field depth. As a consequence, Raman measurements performed at different wavelengths provide information on strain at different distance from the surface [25] . The strain data, obtained with 488 nm and 514 nm wavelengths, which feature nearly identical light penetration depths (Λ~17 nm), are in good agreement with the strain values at the SiN/Ge interface predicted by the FEM calculation; on the other hand measurements acquired using as excitation the 633 nm wavelength, featuring an absorption length Λ 633 = 64 nm, are best suited to probe the strain distribution deeper into the Ge film and, at least qualitatively, confirm the numerical zdependence of the biaxial strain distribution shown in Fig. 2(a) . It is worth noting that the observed and calculated strain distributions do not change if the structure main axis is aligned along the [110]-(square) or [100]-equivalent (diamonds) crystallographic directions, as clearly visible in Fig. 2(d) where we display the Raman-derived strain values obtained for two l = 90, w = 2 H-type microstructures.
We now discuss the light emission properties of the investigated microstructures. The room temperature photoluminescence spectra, acquired at the center (x c = l/2; y c = 0) of Htype and I-type microstructures are shown in Figs. 3(a) and 3(b) , respectively. Spectra for microstripes having width w = 2 µm and different lengths are displayed. In the present experimental configuration, i.e. backscattering geometry, the emission is dominated by a broad peak, corresponding to the electron-hole radiative transitions near the Brillouin zone center Γ c →Γ v (HH), occurring across the Ge direct gap and involving holes hosted in the HH band. The emission is partly modulated by Fabry-Perot modes. While the peak resonances observable at a wavelength of ~1660 nm and ~1830 nm result from the lateral width, the small resonance at ~1890 nm corresponds to a Fabry-Perot mode associated with the vertical stacking of the layers. For the 10 µm-and 20 µm-long I-type microstructures, an additional shoulder is observed at ~1790 nm. We attribute it to the indirect band recombination that, although the hole states close to the LH band edge are energetically favorite, the PL signal related to Γ c →Γ v (LH) transitions does not dominate the PL spectrum since its squared dipole matrix element for TE photon emission is a factor of ~5 smaller than the one involving HH holes. As a consequence, the Γ c →Γ v (LH) recombination becomes dominant only at higher strain levels and much lower excitation power [21] . For long structures (l>40 µm), the peak maximum wavelength is found at λ peak ~1620-1625 nm, and does not significantly depend on the length, as apparent from Fig. 4(a) . This large red-shift with respect to the peak emission wavelength of bulk Ge (λ Ge = 1530 nm) results from the direct gap shrinking caused by the tensile strain, which in both I and H microstripes saturates for l>40 µm at about ε bi~7 × 10 −3 . The strain stability with respect to the microstripe length indicates that the process is robust and the approach scalable. It follows that a tensile strain of 7 × 10 −3 can in principle be achieved also in millimeter long structures which are required for both lasing and high emitted optical power. For short microstripe lengths (l<40 µm), H-type and I-type microstructures show opposite behaviors. In this case, for decreasing length, the photoluminescence peak wavelength red shifts for H-type structures and has a decreasing intensity. Conversely, in I-type structures it is blue-shifted and has an increased intensity. From the above discussion it is clear that the PL peak energy position can be used to measure the strain in the Ge layer [5, 6] . To this aim, values for the equivalent biaxial strain in microstripes with different geometries have been estimated by matching the strain-driven variation of the Ge direct gap with the energy red-shift of the PL peak [6, 14] . Notice that, due to the aforementioned funneling effect, the excess electron-hole pairs are mainly located at the SiN/Ge interface. As a consequence, also the PL measurements are mainly affected by the strain field existing in this region. For this reason, the dependence of the biaxial strain obtained in I and H structures from the PL spectra as a function of the microstripe length (closed symbols) is compared in Fig. 4(a) with the "surface-sensitive" Raman measurements acquired using the λ = 514 nm excitation light (open symbols). In the same figure we also show the FEM strain values calculated at the SiN/Ge interface for x c = l/2 and y c = 0 (solid line). A very good agreement is obtained between both the experimental techniques and the numerical data.
In Fig. 4(b) we report the equivalent biaxial strain values as obtained by PL measurements at the center of H structures having l = 90 µm and different width w. We also display (solid line) the theoretical strain values calculated by FEM at the SiN/Ge interface and at the center of the structure (x c = 45 µm, y c = 0). By decreasing the microstripe width down to w = 2 µm the strain increases for both H and I structure (not shown) in an identical manner. Below this width the strain begins to decrease. This behavior, counter-intuitive at a first glance, can be understood by closely inspecting Fig. 2(a) . Upon decreasing the width, the two compressive regions existing at the lateral edges of the Ge/Si interface, originated by the outward bending of the stripe sidewalls, extend more towards the center of the structure and better contribute to reduce the tensile strain value at the SiN/Ge interface.
The integrated PL intensities, obtained from the spectra of Figs. 3(a) and 3(b) , are reported in Fig. 4(c) as a function of the equivalent biaxial strain, evaluated from the PL peak energy. The PL intensity shows a super-linear increase with ε bi . At ε bi = 7 × 10 −3 we observe an enhancement of a factor of ~12 with respect to ε therm = 2.5 × 10 −3 , i.e. the strain featured by the Ge active material in the optical and electrically pumped laser by MIT group [2, 3] .
This super-linear behavior is very well described by our theoretical modeling, whose results are displayed as a solid line. The theoretical data have been obtained calculating the emitted PL flux from a semi-infinite intrinsic Ge material, characterized by a spatially independent biaxial strain field, optically excited by a steady state monochromatic radiation source with the experimental wavelength and power density, impinging normally to the sample surface. Since in our experiments the optical excitation is spatially localized close to the top Ge surface, where the strain field has its highest positive values, self-absorption effects, which in general may be responsible for differences between the PL and the bare radiative recombination rate spectra, can be neglected in the present contest. Therefore, the PL flux is simply proportional to the angular and energy resolved recombination rate spectrum, which has been calculated for photons emitted along the observation direction. We notice here that the "funneling" effect also justify the modeling of our structures with a semiinfinite material and a spatial-independent biaxial strain field which is set equal to the one measured at the SiN/Ge interface. The peak values of the excess electron-hole concentrations have been calculated for our experimental excitation conditions taking in to account the contributions from both radiative and non-radiative recombination channels (see [6] ). We find that they are quite insensitive to the strain variation and remains of the order of 1x10 19 cm
when ε bi is varied in the [0 ÷ 9 × 10 −3 ] interval. Most of the excess electrons occupy the L c degenerate valleys owing to their lower energy and larger density of state compared to the non-degenerate, light mass Γ c valley [6] . However, increasing the strain from 0 to ~9 × 10 −3 , the room temperature excess carrier density in the conduction Γ c valley dramatically increases from 8 × 10 14 cm −3 to 1.2 × 10 16 cm −3 due to the strain-driven lowering of the Γ c -L c energy barrier. The resulting electron transfer from the L c -toward the Γ c valley increases the number of active radiative direct transitions and it is responsible for the observed enhancement of the PL signal. Moreover, our numerical results confirm that the main peak of the PL intensity is to be associated with direct recombinations involving holes hosted in the HH band. Indeed, although in tensile strained Ge this band has higher energy with respect to LH, the oscillator strength for photons emitted along the (001) direction is higher when HH holes are involved.
In Fig. 4(d) we display the PL spectra of two H-type structures having w = 2 µm and l = 90 µm, oriented either along the [110] or [100] directions. The latter structure exhibits a peak intensity ~1.4 × compared to its [110]-oriented counterpart. As can be observed, the two structures have the same peak energy, meaning an identical value of the equivalent biaxial strain, as confirmed by the direct strain analysis performed by µ-Raman (see Fig. 2(d) ). Thus the intensity increase observed in the [100] oriented microstripes cannot be attributed to larger biaxial equivalent strain values. This feature is instead caused by the different effect of the uniaxial strain component on the L C degenerate valleys when it is applied along the [100] or [110] directions. As clearly seen in Fig. 2(b) , the stripe geometry induces a uniaxial strain oriented perpendicular to the structure x-axis. If this axis is aligned to the [110] direction, the uniaxial strain induces a lift of the L C degeneracy accompanied by an average increase of the Γ c -L c energy barrier [14] . On the contrary, a uniaxial strain along an equivalent [100] direction leaves the valley degeneracy unaltered. As a consequence, for a given value of strain, the excess electron occupation of the Γ c valley is higher in the [100] case. This fact is reflected in an increased PL intensity. For the strain value of the samples in Fig. 4(d) , we could estimate a PL intensity ~1.5x higher than in the [110] case [14] , in very good agreement with our observations.
Discussion
Once the reliability of our model has been established by comparison with the experiments, we shall use it in a predictive way to maximize the optical gain in the experimentally accessible parameter space of strain, doping, and excess carrier concentration. To this aim we first notice that, as one may expect from the above results, the material gain is an increasing function of the biaxial strain. Moreover, from the analysis of the numerical data reported in [6] , one can conclude that the optical gain increases upon increasing the n-type doping concentration. This result is not trivial since large doping density, if on one hand eases the transfer of electron towards the Γ c valley, on the other has the drawback of increasing the optical losses due to free carrier absorption. To correctly account for the free carrier absorption at high doping and excitation density both in the valence and conduction band, we relied on the wavelength-and concentration dependent loss function proposed by Carroll and associates [8] for electrons and the one proposed in [4] for holes. In our simulation we used the maximum strain achievable in arbitrary long structures (ε bi = 7 × 10 −3 ) and n dop = 4 × 10 19 cm −3 , being this latter quantity a large but still realistic value for the doping concentration achievable in our systems, lower than the doping density used by Camacho-Aguilera and associates in their light emitting structures [3] . Our numerical results are reported in Fig. 5 , where we show TE and TM optical gain spectra calculated at room temperature for different values of the excess carrier concentration δn, ranging in the [1 ÷ 10] × 10 18 cm −3 interval, i.e. a range close to the one estimated for our PL experimental conditions. A robust material gain can be achieved both for TE and TM, with peak value increasing with the excess carrier density. For δn = 1 × 10 19 cm −3 the TE (TM) gain peak value is ~300 (700) cm −1 and occurs at the emission wavelength of 1650 (1765) nm, corresponding to the Γ c -Γ v (HH) (Γ c -Γ v (LH)) energy gap. We notice here that the Hartree-Fock screening can induce a band-gap narrowing of few tens of meV for n-type doping density in the 10 19 cm −3 range which has not considered in our model. However the energy difference between L c and Γ c valleys is nearly independent of doping [4] . Therefore, neglecting the bandgap shrinkage due to doping does not affect the spectral gain evaluation except that the gain peak may be slightly blue-shifted.
The two light polarizations TE and TM are not equivalent since the strain field breaks the cubic symmetry of the lattice structure. As a consequence, the direction of the polarization vector of the guided electromagnetic mode can be exploited as a further degree of freedom to maximize the emission intensity by engineering the laser cavity geometry. If a biaxial tensile strain field is applied to a Ge layer, the material gain peak in the TM mode is larger than that achievable with in-plane polarization vector [6] . This is due to the fact that the oscillator strength in the TM mode is completely transferred to the Γ c -Γ v (LH) transition, while for TE polarization it is shared also with the Γ c -Γ v (HH) transition, occurring at a different energy. It follows that, since both HH and LH levels are populated at room temperature, the spectral region where the TE absorption coefficient is low is quite large, while in TM polarization it is concentrated around the Γ c -Γ v (LH) gap (see Fig. 5 ). As a consequence, larger peak gain values can be achieved in this latter case.
The main issue for these tensile microstructures is to know whether they could achieve lasing or not. To this aim, we have calculated the modal gain for realistic values of n-doping and photo-induced carrier densities. We take into account the inhomogeneous strain profile along the z vertical direction as shown in Fig. 2 . For simplicity, we suppose that the photoinduced carrier density is uniformly distributed in the germanium volume. This is obviously a simplification as the variation of strain induces a variation of band gap energy and modifies the carrier distribution. The material gain was calculated for different values of strain, thus providing, at a fixed wavelength, the spatial behavior of the gain on the vertical direction. The overlap of the material gain with the mode profile is then computed to obtain the modal gain. We emphasize that the presence of the BOX is very advantageous for the modal confinement. Propagation losses of 10 dB⋅mm −1 correspond to losses of ~20 cm −1 . This is a conservative estimate as propagation losses could be minimized by optimizing the fabrication process. The modal gain for the doping and injection conditions here considered is thus sufficient to achieve lasing at ~1700 nm in a Fabry Perot cavity, since the modal gain is larger than the sum of reflectivity and propagation losses. Lasing is then obtained for a reasonable carrier injection of δn = 5 × 10 18 cm −3
, a value lower than that needed by Camacho-Aguilera et al. to operate their electrically pumped laser [3] .
Concluding remarks
In summary, we have demonstrated that CMOS-fabricated Ge-based microstructure can be practically used to achieve an infrared laser monolithically integrated on Si. Our method enable the fabrication of mm-long Fabry-Perot structures with homogeneous strain distribution throughout the length of the whole active layer, thus allowing to achieve high optical output powers of the light emitting device, with on-chip real estate being the only limiting factor. The relatively high biaxial tensile strain obtained allows a significant reduction of laser threshold, still using a technologically available n-type doping concentration. Moreover, we underline that the microstripe geometry and their fabrication process is compatible with electrical injection realizable through standard electrical via connections. The excellent agreement between modeling and measurements shown here, on one hand witnesses the high degree of control that is achieved on the active material properties, on the other hand can be reliably used in the forthcoming design of the laser prototype structures.
